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The present work reports a detailed mechanistic interpretation of the role of the solubility of dopants and resul-

tant midgap defect energies in band gap engineering. While there is a general perception that a single dopant

is associated with single solubility and defect mechanisms, in reality, the potential for multiple solubility and

defect mechanisms requires a more nuanced interpretation. Similarly, Kröger–Vink defect equilibria assume

that stoichiometries during substitutional and interstitial solid solubility as well as Schottky and Frenkel pair for-

mation are compensated by the diffusion of matrix ions to the grain boundaries or surface. However, this

approach does not allow the possibility that stoichiometry is uncompensated, where diffusion of the matrix ion

to lattice interstices occurs, followed by charge compensation by redox of this ion. Consequently, a modified

defect equilibria formalism has been developed in order to allow description of this situation. Experimental

data for the structural, chemical, semiconducting, and photocatalytic properties as a function of doping level

are correlated with conceptual structural models, a comprehensive energy band diagram, and the corres-

ponding defect equilibria. These correlations reveal the complex mechanisms of the interrelated solubility and

defect formation mechanisms, which change significantly and irregularly as a function of small changes in

doping level. The analyses confirm that the assumption of single mechanisms of solid solubility and defect for-

mation may be simplifications of more complex processes. The generation of (1) a matrix of complementary

characterisation and analytical data, (2) the calculation of a complete energy band diagram, (3) consideration of

charge compensation mechanisms and redox beyond the limitations of Kröger–Vink approaches, and (4) the

development of models of corresponding structural analogies combine to create a new approach to interpret

and explain experimental data. These strategies allow deconstruction of these complex issues and thus target-

ing of optimal and possibly unique doping levels to achieve lattice configurations that may be energetically and

structurally unfavorable. These approaches then can be applied to other doped semiconducting systems.

1. Introduction
1.1 Photocatalytic TiO2

Titanium dioxide (TiO2, titania) is a semiconducting metal
oxide that has been studied widely in response to its advan-
tageous features, including photocatalytic properties, chemical
stability, nontoxicity, availability, and cost.1,2,3–8 These pro-

perties have allowed it to find applications in many key techno-
logical areas including energy,9–16 natural environment,17–22

built environment,23–30 and biomedicine.31,32

The photocatalytic activity of TiO2 depends strongly on its
properties, so many experimental studies and theoretical
examinations have been done in order to investigate the
effects of various parameters affecting the performance.33–35

The most important of these for anatase polymorph of TiO2

are optical band gap36–41 (indirect band gap Eg of ∼3.2 eV
(ref. 36) and direct band gap Eg of ∼3.5 eV), recombination
time, recombination rate,36,42,43 diffusion distance,44 electron
mobility,34,51,52 quantum confinement,18,53–57 concentration of
surface active sites,18,33,45 lattice stability,46–50 exposed crystal-
lographic planes,51–56 and defect chemistry.57–60

In nonstoichiometric TiO2−x, the presence of intrinsic and
extrinsic lattice defects can alter the Fermi energy level (Ef ).

61

The range of values determined for the Ef is illuminating
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because these levels provide guidance for the processing and
application of TiO2 through the lowering of the Ef.

62 This is
critical because the relevant midgap defect energies should be
above the Ef for n-type semiconductivity.63 That is, the subshell
energy levels above the Ef have a 50% chance of being unfilled
and hence are more likely to be available to electrons while the
energy levels below the Ef have a 50% chance of being filled
and hence are more likely to be unavailable to electrons.64

Since the anatase polymorph of TiO2 is an n-type semi-
conductor,65 then the free electron concentration in anatase is
high and the Ef is close to the conduction band.61,66 While
TiO2 is used generically to describe the stoichiometry, oxygen
vacancies ðV••

OÞ are intrinsic defects in TiO2.
67 Consequently,

its stoichiometry is more correctly TiO2−x, which is charge
compensated by Ti4+ → Ti3+ redox,68 where there are two such
reduction reactions for each oxygen vacancy. While Ti3+ and
V••
O are intrinsic to TiO2−x, processing under low oxygen partial

pressures (PO2) also can generate titanium vacancies (V′′′′Ti).
69

All three of these defects are responsible for the formation of
midgap states, which may be able to reduce the band gap.
Intrinsic defects in the form of Ti vacancies and oxygen
vacancies as well as extrinsic donor and acceptor defects
resulting from doping are used commonly in attempts to
improve the semiconducting properties generally through
band gap reduction by lowering the conduction band, raising
the valence band, and/or introducing midgap states.70 These
defects can act as electron and hole traps, which can increase
the recombination times and alter the recombination
rates.42,43

1.2 Modification of TiO2

Despite the potential advantages offered by anatase in appli-
cations for energy and the environment, its photocatalytic per-
formance is suboptimal largely because it is a wide band gap
semiconductor,36 so it absorbs radiation largely only in the
ultraviolet range,71 which represents only 3–5% of the solar
spectrum.72 It is well established that semiconducting pro-
perties can be enhanced through doping, with the aim of nar-
rowing the Eg and thus shifting the absorption edge toward
the visible part of the spectrum.73,74 Consequently, there have
been many studies reporting data for the outcomes of doping
by transition metals,75,76 rare earth metals,1,77,78 noble
metals79–82 and nonmetals.83–85 The purpose of these strategies
generally is to reduce the Eg by lowering the conduction band
(CB), raising the valence band (VB), and/or introducing midgap
energy levels.86,87 The 3d transition metals and, to lesser extents,
the 4d and 5d transition metals have been studied as dopants
numerous times owing to the proximity of these energy levels to
those of the Ce 4f,88,89 their effects have shown inconsistent
trends in performance outcomes.74–76,88,89 However, 4f rare earth
ion dopants possibly offer more consistent outcomes owing to
their differences in electron orbital shapes and orientation but
also the greater proximity of their energy levels.

Relative to transition metal dopants, these factors have
resulted in the observation of high photocatalytic activities,
extension of the photoresponse range to the visible region,88

and improvement in the separation of electron–hole pairs
(excitons) and associated reduction in the recombination
time.76,90

Cerium as a dopant is unusual in that it exhibits ready
Ce4+ ↔ Ce3+ redox switching.76 The ability to manipulate this
through doping, atmospheric, or environmental effects is
advantageous because it can: (1) alter the band positions
favourably, (2) facilitate the solubility of dopants of valence 3+
and 4+, (3) increase the number and type of surface-active
sites, (4) enhance recrystallisation, and (5) suppress grain
growth.18,33,39,45 Consequently, Ce-doped TiO2 has been
studied numerous times, as shown by the comprehensive
survey of previous work in Table I (see ESI†).

The CeO2–TiO2 phase diagram does not appear to have
been determined, so an assessment of the potential for solubi-
lity of Ce in the TiO2 lattice is not available. According to
Hume-Rothery’s rules for substitutional metallic solid solubi-
lity,91 it is unlikely that, as given in Table 1, the large Ce4+

(0.1010 nm) and Ce3+ (0.1150 nm) ions would substitute for
the smaller Ti4+ (0.0745 nm) and Ti3+ (0.081 nm) ions in
sixfold coordination.92 However, anatase does not exhibit ideal
TiO6 octahedral symmetry because the c axis of the octahedron
is elongated and contains two large adjacent interstices of
radii 0.0782 nm,33 as given Table 1. These interstices also
appear to be unlikely to be able to accommodate the large Ce
ion above or below the central Ti ion and so Hume-Rothery’s
rules for interstitial metallic solid solubility91 indicate that this
solubility mechanism also is unlikely. However, recently, the
concept of integrated solid solubility has been introduced,89

which involves solubility of the Ce ion on the combined sites
of the central Ti4+ ion and an adjacent interstice (0.1527 nm
sum), which is sufficiently large to accommodate both Ce
valences.

In the CeO2–TiO2 system, once the solubility limit for CeO2

in TiO2 is reached under oxidising conditions, CeO2 will pre-
cipitate.93 However, under reducing conditions, two photo-
catalytic intermediate phases can form. The first to precipitate
would be Ce2O3·4TiO2

38 and, at Ce molar concentrations
>33%, Ce2O3·2TiO2

93 would form. However, in general, dopant

Table 1 Crystal radii of Ti and Ce ions

Ion Co-ordination

Crystal
radius
(nm)

Difference
with Ti4+ (%)

Difference
with interstice
(%)

Ti3+ VI 0.0810 +8.7 +3.6
V (0.0704)a +8.3 −10.0

Ti4+ VI 0.0745 — −5.0
V 0.0650 — −16.9

Ce3+ VI 0.115 +54.4 +47.1
V (0.100)a +34.2 +27.9

Ce4+ VI 0.101 +35.6 +29.2
V (0.088)a +18.1 +12.5

O2− III 0.122 +63.8 +56.0
Interstice V 0.0782 — —

aData not available but estimated from Ti(V)/Ti(VI) ratio
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levels are held to relatively low levels of <1 mol% because over-
doping effectively increases the band gap94 and a high density
of trapping sites increases the potential for multiple trapping
of the individual charge carriers, thereby reducing the
mobilities.71

1.3 TiO2 defect equilibria

The effect of oxygen activity on the concentration of both ionic
and electronic defects can be examined through the defect
equilibria. Most oxide ceramic semiconductors exhibit oxygen
deficiency, e.g., CeO2−x and TiO2−x. This nonstoichiometry
results in formation of defects such as ion vacancies or inter-
stitials and compensating charged defects by either ionic com-
pensation or electronic compensation. A second alternative
charge-compensation mechanism is redox, which for TiO2−x

involves Ti4+ ↔ Ti3+ and is as follows:

TiO2 ¼ TiO2�x ¼ Ti4þ1�xTi
3þ
x O2�

2�0:5x ¼ Ti4þ1�xTi
3þ
x O2�

2�0:5x□x ð1Þ
where □ is an oxygen vacancy.

In addition to redox in the TiO2−x matrix, a third charge-
compensation mechanism is for matrix and dopant ions
through intervalence charge transfer (IVCT):33,68,89,91

Ti4þ þ Ce3þ $ Ti3þ þ Ce4þ ð2Þ
The X-ray photoelectron spectroscopy (XPS) data presented

subsequently confirm that the precursor valence of Ti4+ and
Ce3+ partially alter to Ti3+ and Ce4+, which supports this
mechanism.

It is counter-intuitive to conclude that annealing in air
would be likely to retain Ce3+ and Ti3+ in their reduced states.
However, XPS data of the present work and those of others95

demonstrate the simultaneous presence of both oxidised and
reduced valences. This potentially can be explained by a fourth
charge-compensation mechanism, which is the effect of
electronegativity, the range of values of which is given in
Table 2. In the first instance, for the elemental electronegativ-
ities, the electrons would be pulled toward Ti, not Ce. In the
second instance, the data of Smith,96 which uniquely include
valence, Ti3+ and Ce4+ (right side of eqn (2)) have identical elec-
tronegativities, which would not favour mutual charge trans-
fer, but Ti4+ and Ce3+ (left side of eqn (2)) would favour charge
transfer by increasing the effective valence of Ti4+ and decreas-
ing the effective valence of Ce3+. As will be shown with the XPS
data, the converse of these two effects was observed,
suggesting that electronegativity is unlikely to be a charge-
compensation mechanism.

A fifth charge-compensation mechanism is simply oxi-
dation resulting from the interaction of Ce3+ and Ti3+ precur-
sors with V••

O according to the reaction:33,68

Ti3þ þ Ce3þ þ V••
O ! Ti4þ þ Ce4þ ð3Þ

This mechanism cannot be assessed because annealing in
air at would be likely to cause direct oxidation to form the
thermodynamically stable valences Ce4+ and Ti4+,91,97 so the
two oxidation mechanisms cannot be decoupled. The rele-
vance of these five potential charge-compensation mecha-
nisms generally can be assessed with relative confidence by
examination of the peak shifts in the XPS data, which indicate
valence changes from the stoichiometric condition.

More generally, it is assumed commonly that doping results
in substitution, generally on the cation sublattice. Substitutional
Ce doping in TiO2−x could induce shallow energy levels owing to
the proximity of the unoccupied Ce 4f states ([Xe] 4f1 5d1 6s2; for
n = 4f, E = −0.85 eV) and Ti 3d states ([Ar] 3d2 4s2; for n = 3d,
E = −1.51 eV), so this rare earth cation offers the potential to
enhance the photocatalytic activity,98 although other factors may
dominate the performance such that it is degraded.

Following from a comprehensive survey of previous studies
of Ce-doped TiO2, the present work considers the solubility
and defect formation mechanisms based on a complete doping
study of thin films of Ce-doped anatase synthesised by sol–gel
and annealed at 450 °C for 2 h on fused SiO2 and Si (110) sub-
strates. These conditions yielded the maximal crystallinity over
the range 350°–650 °C. The mechanistic interpretation of the
phenomena is based on a consistent set of data obtained from
XRD, Raman, AFM, TEM-EDS, XPS (surface and valence band),
UV-Vis (absorption and transmission), AM-KPFM, and photo-
catalytic performance; these were supplemented with compre-
hensive DFT modelling of the energy band diagram.

The interpretation of the preceding is based on a consistent
set of correlations between the experimental data, the develop-
ment of structural models for the different solubility mecha-
nisms, and consideration of a complete defect energy diagram
with all potential defect energy levels using a modified defect
equilibria formalism that has been developed in order to accom-
modate an alternative charge-compensation mechanism (Ti4+ ↔
Ti3+ redox) based on the Kröger–Vink assumption of compo-
sition-compensated stoichiometry. The rationale for the present
work is to derive a comprehensive mechanistic interpretation of
the governing physical phenomena based on the solubility
mechanisms and defect equilibria revealed by the complex out-
comes of a precise doping study of cerium in anatase.

Table 2 Summary of electronegativities of Ti and Ce in different scales

Scale Smith Allen Allred-Rochow Little, Jr. Mulliken Pauling Pearson Sanderson Nagle

Ref. 96 99 100 101 102 and 103 104 105 106 and 107 108
Ti3+ 1.50 1.38 1.32 1.32 5.20 1.54 3.45 1.50 —
Ti4+ 1.65
Ce3+ 1.15 — 1.08 — 1.80 1.12 — 1.34 1.05
Ce4+ 1.50
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Consequently, the present work introduces a number of
new concepts to the field of band gap engineering:

(1) Comprehensive doping study of TiO2, from undoped to
overdoped, incorporating fundamental concepts of solubility
mechanisms, structural analogies, defect equilibria, midgap
defect states, and Fermi levels.

(2) The first complete intrinsic and extrinsic defect energy
level diagram for TiO2.

(3) Correlation of a wide range of experimental mineralogi-
cal, nanostructural, structural, chemical, optical, semiconduct-
ing, and photocatalytic data with the preceding data.

(4) Modified defect equilibria formalism that overcomes the
limitations of Kröger–Vink assumptions, thereby allowing the
potential for uncompensated stoichiometry and charge com-
pensation by redox.

2. Experimental procedure

See ESI† for details of experiments and density functional
theory (DFT) calculations.

3. Results
3.1 Modified defect equilibria formalism

The defect equilibria are described by Kröger–Vink notation109

for both types of solid solubility and charge compensation as
well as for both valences of matrix (Ti3+, Ti4+) and dopant
(Ce3+, Ce3+). However, this system assumes that stoichiometry
is retained (viz., compensated) upon doping and so the ionic
ratios remain constant as given in left column in Table 3.

Table 3 Defect equilibria for both types of solid solubility and charge compensated stoichiometry and uncompensated stoichiometry for both
valences of matrix (Ti3+, Ti4+) and dopant (Ce3+, Ce4+)

Compensated stoichiometry Uncompensated stoichiometry

Substitutional solid
solubility

Ionic compensation Ionic compensation

Ce2O3 �!2TiO2 2Ce′Ti þ V••
O þ 3Ox

O (8) 2Ce••• ���!2TiO2 2Ce′ Ti þ 2Ti••••i þ 3Ox
O þ 6Ti′Ti�l (24)

CeO2 �!TiO2 CexTi þ 2Ox
O (9) CeO2 �!TiO2 CexTi þ 2Ox

O (25)

Ce2O3 �!Ti2O3 2CexTi þ 3Ox
O (10) 2Ce••• ������!Ti2O3 ðTiO2Þ

2CexTi þ 2Ti•••i þ 3Ox
O þ 6Ti′Ti�l (26)

4CeO2 �!2Ti2O3 4Ce•Ti þ 8Ox
O þ V′′′′Ti (11) 2Ce•••• ������!Ti2O3 ðTiO2Þ

2Ce•Ti þ 2Ti•••i þ 4Ox
O þ 8Ti′Ti�l (27)

Electronic compensation Electronic compensation

Ce2O3 þ 1=2O2 ðgÞ �!2TiO2 2Ce′ Ti þ 4Ox
O þ 2h• (12) Ce••• �!TiO2 Ce′ TiþTi••••i þ 2Ox

O þ 3e′ (28)

CeO2 �!TiO2 CexTi þ 2Ox
O (13) Ce•••• �!TiO2 CexTiþTi••••i þ 2Ox

O þ 4e′ (29)

Ce2O3 �!Ti2O3 2CexTi þ 3Ox
O (14) 2Ce••• ������!Ti2O3 ðTiO2Þ

2CexTi þ 2Ti•••i þ 3Ox
O þ 6e′ (30)

2CeO2 þ V••
O �!Ti2O3 2Ce•Ti þ 3Ox

O (15) 2Ce•••• ������!Ti2O3 ðTiO2Þ
2Ce•Ti þ 2Ti•••i þ 3Ox

O þ 8e′ (31)

Interstitial solid
solubility

Ionic compensation Ionic compensation

2Ce2O3 �!4TiO2 4Ce•••i þ 3V′′′
Ti þ 6Ox

O (16) 2Ce••• �!2TiO2 2Ce•••i þ3Ox
O þ 6Ti′Ti�l (32)

CeO2 �!TiO2 Ce••••i þ V′′′′
Ti þ 2Ox

O (17) Ce•••• �!TiO2 Ce••••i þ2Ox
O þ 4Ti′Ti�l (33)

Ce2O3 �!Ti2O3 2Ce•••i þ 2V′′′
Ti þ 3Ox

O (18) Ce•••• �!TiO2 Ce•••i þ2Ox
O þ Ce′Ce�l þ 2Ti′Ti�l (34)

6CeO2 �!3Ti2O3 6Ce••••i þ 8V′′′
Ti þ 12Ox

O (19) 2Ce••• ������!Ti2O3 ðTiO2Þ
2Ce•••i þ 3Ox

O þ 6Ti′Ti�l (35)

2Ce•••• ������!Ti2O3 ðTiO2Þ
2Ce••••i þ 3Ox

O þ 8Ti′Ti�l (36)

2Ce•••• ������!Ti2O3 ðTiO2Þ
2Ce•••i þ 3Ox

O þ 2Ce′ Ce‐i þ 4Ti′Ti�l (37)
Electronic compensation Electronic compensation

Ce2O3 þ 1=2 O2 ðgÞ �!2TiO2 2Ce••••i þ 4Ox
O þ 6e′ (20) Ce••• �!TiO2 Ce•••i þ2Ox

O þ 3e′ (38)

CeO2 �!TiO2 Ce••••i þ 2Ox
O þ 4e′ (21) Ce•••• �!TiO2 Ce••••i þ2Ox

O þ 4e′ (39)

Ce2O3 �!Ti2O3 2Ce•••i þ 3Ox
O þ 6e′ (22) Ce•••• �!TiO2 Ce•••i þ2Ox

O þ Ce′ Ce‐i þ 2e′ (40)

2CeO2 þ V••
O �!Ti2O3 2Ce••••i þ 3Ox

O þ 6e′ (23) 2Ce••• ������!Ti2O3 ðTiO2Þ
2Ce•••i þ 3Ox

O þ 6e′ (41)

2Ce•••• ������!Ti2O3 ðTiO2Þ
2Ce••••i þ 3Ox

O þ 8e′′ (42)

2Ce•••• ������!Ti2O3 ðTiO2Þ
2Ce•••i þ 3Ox

O þ 2Ce′Ce‐i þ 4e′ (43)

Ce′Ti = Ce3+ substituting on Ti4+ site (single negative charge). CeTi
x = Ce4+ substituting on Ti4+ site (no net charge). Ce•Ti = Ce4+ substituting on

Ti3+ site (single positive charge). Ce•••i = Ce3+ interstitial (triple positive charge). Ce••••i = Ce4+ interstitial (quadruple positive charge). Ti•••i = Ti3+

interstitial (triple positive charge). Ti••••i = Ti4+ interstitial (quadruple positive charge). Ce′Ce-i = Ce4+ → Ce3+ reduction of Ce4+ interstitial (single
negative charge). Ce•Ce‐i = Ce3+ → Ce4+ oxidation of Ce3+ interstitial (single positive charge). Ce′Ce-l = Ce4+ → Ce3+ reduction of Ce4+ on lattice Ti
site (single negative charge). Ce•Ce‐l = Ce3+ → Ce4+ oxidation of Ce3+ on lattice Ti site (single positive charge). Ti′Ti-i = Ti4+ → Ti3+ reduction of inter-
stitial Ti4+ (single negative charge). Ti•Ti‐i = Ti3+ → Ti4+ oxidation of interstitial Ti3+ (single positive charge). Ti′Ti-l = Ti4+ → Ti3+ reduction of lattice
Ti4+ (single negative charge). Ti•Ti‐l = Ti3+ → Ti4+ oxidation of lattice Ti3+ (single positive charge). OO

x = Oxygen on lattice oxygen site (no net
charge). O2(g) = Oxygen gas (no net charge). V′′′Ti = Ti3+ vacancy (triple negative charge). V′′′′Ti = Ti4+ vacancy (quadruple negative charge). V ••

O =
O2

− vacancy (double positive charge). e′ = Electron (single negative charge). h• = Electron hole (single positive charge).
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Although Kröger–Vink notation109 is used very commonly
to describe defect equilibria, in reality, they risk being inap-
plicable because most studies86,97,110–118 involve stoichiometri-
cally uncompensated additions of dopant, which Kröger–Vink
notation109 would require any excess matrix cations to migrate to
the surface. However, with TiO2, the presence of two large inter-
stices adjacent to the central Ti lattice site68 suggests that, upon
substitution by Ce, it would be energetically more favourable for
Ti ions to move to one of these interstices rather than diffuse to
the surface. The potential for integrated solid solubility89 would
facilitate strain and energy minimisation. Consequently, a new
formalism for defect equilibria for uncompensated stoichiometry
is given in order to accommodate this possibility.

In this formalism for a TiO2−x matrix consisting of majority
Ti4+ and minority Ti3+ (represented as TiO2 and Ti2O3, respect-
ively), there are two principal criteria for charge balance in the
case of substitutional solid solubility:

(1) When Ce substitutes for majority Ti, it creates an adja-
cent Ti interstitial in 1 : 1 ratio:

Ce3+:

Ce••• ! Ce′Ti þ Ti••••i ð4aÞ
Ce4+:

Ce•••• ! CexTi þ Ti••••i ð4bÞ
(2) The Ce substitutional and adjacent Ti interstitial are

charge compensated by reduction of neighbouring Ti4+ on
lattice sites (or of the Ti interstitial) to Ti3+ (with matrix indi-
cated as Ti2O3 (TiO2) when Ce4+ substitutes for minority Ti3+

but redox still occurs at a majority Ti4+ lattice site):
Ce3+:

Ce′ Ti þ Ti••••i þ 3Ti′Ti ¼ 0 ð5aÞ
Ce4+:

CexTi þ Ti••••i þ 4Ti′Ti ¼ 0 ð5bÞ
The feasibility for charge compensation by Ti redox is sup-

ported by the relevant redox potentials given in Table 4. These
data show that Ti4+ ↔ Ti3+ redox equilibria are facilitated by a

near-zero redox potential while all other potential charge-com-
pensating redox equilibria for both Ti and Ce are significantly
higher and hence unlikely. The principal criteria for charge
balance in the case of interstitial solid solubility are:

(1) When a Ce3+ interstitial forms, it occupies one of the
two interstices along the c axis, adjacent to the central majority
Ti4+ lattice site. Ce3+–Ti4+ repulsion would transpose the Ti4+

ion into the other interstice, thereby creating a Frenkel pair (Ti
interstitial and Ti vacancy):

Ce3+:

Ce••• ! Ce•••i þ Ti••••i þ V′′′′Ti ð6aÞ
Ce4+:

Ce••• ! Ce••••i þ Ti••••i þ V′′′′Ti ð6bÞ
(2) The Ce interstitial again is charge compensated by

reduction of neighbouring Ti4+ on lattice sites or of Ti intersti-
tials to Ti3+:

Ce3+:

Ce•••i þ 3Ti′Ti ¼ 0 ð7aÞ
Ce3+:

Ce•••i þ 3Ti′i ¼ 0 ð7bÞ
Ce4+:

Ce••••i þ 4Ti′Ti ¼ 0 ð7cÞ
Ce4+:

Ce••••i þ 4Ti′i ¼ 0 ð7dÞ
The new formalism for defect equilibria for uncompensated

stoichiometry, where the ionic ratios do not remain constant,
are as given in the right column of Table 3.

3.2 Midgap energy states

Contrasting the Kröger–Vink defect equilibria109 with those of
the new formalism, it can be seen that the interpretation of
the effects of the midgap states deriving from these defects is
entirely different. For example, assuming compensated stoi-
chiometry, the midgap states arising from ionically compen-
sated Ce4+ substitution for Ti3+ (eqn (11)) would be expected to
be associated with 4Ce•Ti and V′′′′Ti (self-charge-compensated).
In contrast, with uncompensated stoichiometry (eqn (27)),
these midgap states would be assumed to be 2Ce•Ti and 2Ti•••i

(8 × Ti4+ → Ti3+ redox-charge-compensated).
The relevance of these considerations is shown in Fig. 1,

which gives the energy levels for all of the possible defects (i.e.,
defect energy levels) in Ce-doped TiO2−x (anatase), including
those calculated by others58,126,128,132 and by spin-polarised
DFT in the present work (Ce′Ti, Ce•Ti, Ce

x
Ti [4+ and 3+], Ce••••i ,

Ce•••i , Ce••i , Ce
•
i ). It can be seen that there are many potential

midgap states formed within the band gap near the CB or VB
or in the centre of the band gap. These can be intrinsic, such
as Ti3+ and V••

O, or extrinsic and so induced by Ce doping, such

Table 4 Relevant redox potentials for Ti and Ce

Reaction Redox reaction Potential (eV) Ref.

1

Ti4+ + e− → Ti3+ +0.06 119
0.00 120
−0.09 120 (IV–III)a

2 Ti4+ + 2e− → Ti2+ −0.37 119 and 120
3 Ti3+ + e− → Ti2+ −0.90 120, 121 and 122

−0.60 123
−0.37 123

4 Ce4+ + e− → Ce3+ +1.72 121 and 122
+1.61 120
+1.44 124

5 Ce4+ + 2e− → Ce2+ +3.26 Present work
6 Ce3+ + e− → Ce2+ +1.67 125

a Ti(III) = Ti bonded to, e.g., OH: Ti(OH)3 Ti(OH)2
+ Ti(OH)2+
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as Ce•Ti and Ce•••i . When these defects are close to the CB and
so are n-type or close to the VB and so are p-type, they rep-
resent shallow energy levels (upper and lower one thirds of the
band gap,127 which act as electron donors or acceptors,
respectively) and are likely to enhance charge carrier separ-
ation by promoting diffusion of charge carriers to the
surface.35,61,62,128,129 When these defects are deep energy levels
(which conventionally are viewed as being in the central one
third of the band gap,130 although this is viewed as a simplifi-
cation127), they also can act as electron donors or acceptors
and so cause n- or p-type semiconductivity; however, these
defects are likely to act as recombination centres for charge
carriers and so would be unlikely to have the potential to
enhance the photocatalytic performance.

Another important consideration for the defects revealed in
Fig. 1 is the locations of their energy levels relative to the Ef. At
0 K, the theoretical Ef is defined as being in the middle of the
band gap;63 there do not appear to be any calculated values for
the Ef at ambient conditions. However, at room temperature
and in air, a representative value (viz., Ef (OH)) for anatase is in
the range 0.43 to 0.52 eV.131 The experimental Ef of 0.23 eV for
0.10 mol% Ce-doped TiO2 from the present work was obtained
from AM-KPFM data, as shown in Fig. XII (see ESI †).

As mentioned previously, for n-type semiconductors, such
as anatase,58,132,133 the subshell energy levels likely to be avail-
able to electrons (since they have a 50% chance of being
unfilled) are those that lie above the Ef

64 (or below for p-type
semiconductors). The relative locations of the experimental Ef
ranges131 and midgap defect energies in Fig. 1 show that oxi-
dising conditions during processing are desirable but that the
inevitable presence of water vapour in the atmosphere during
application is undesirable.

Examination of Fig. 1 reveals that, in relative order of
energy level, the most important shallow midgap state defects
for anatase are Ti•i , Ce

•
Ti, Ce

x
Ti (4+), Ce′Ti, O′i, V•

O, Ti
••
i , Ce

•
i , Ce

x
Ti

(3+), Ti•••i , V••
O, and Ce••i . However, since many of these are

thermodynamically unfavourable owing to the significant
changes from the common valence states (viz., Ti•i , V

•
O, Ti

••
i , Ce

•
i

and Ce••i ) or structural stability limitations (viz., O′i), then a
practical assessment of the key shallow midgap states includes
only Ce•Ti, Ce

x
Ti (4+), and Ce′Ti. Although the neutral defect CexTi

(4+) does not act as donor or acceptor, it can affect the mobili-
ties of the charge carriers because it acts as a scattering
centre.134,154 Of the other two key defects, Ce•Ti lies well above
the Ef and Ce′Ti lies slightly below the Ef. Consequently, these
latter observations allow the conclusion that these defects are
the only two relevant midgap state defects and that Ce•Ti is
favourably positioned and Ce′Ti is less favourably positioned to
reduce the Eg. However, the proximity of both of these energy
levels to the Ef indicates that both offer good chances of
enhancing the semiconductivity by these means.

Reference to the new formalism for defect equilibria for the
uncompensated stoichiometry described in eqn (24)–(43),
summarised in Table 5 for anatase, reveals the Equations
describing the relevant defect equilibria for the two key
midgap state defects Ce•Ti and Ce′Ti:

Since aliovalent oxides generally are ionically charge com-
pensated,135 then the two most important defect equilibria in
increasing the semiconductivity are likely be described by eqn
(24) and (27). Further, since the present work reports the
doping of TiO2 by Ce3+, then eqn (24) represents the most
important defect equilibria.

The data in Fig. 1 reveal the potential applicability of the
additional shallow donor defects Ti•••i and CexTi (3+). Since Ti

Fig. 1 Comprehensive defect energy level diagram for intrinsic and extrinsic defects of different valence states for Ce-doped anatase (with VB, CB,
Eg, and Ef for 0.10 mol% Ce) based on spin-polarised DFT calculations from others58,126,128,132 and from the present work: Ce’Ti, Ce

•
Ti, CeTi

x (4+ and
3+), Ce••••i , and Ce•••i ; Eg (from UV-Vis); VBM (from XPS valence XPS); CBM (from UV-Vis and valence XPS); and Ef = 0.23 eV (from AM-KPFM) versus
normal hydrogen electrode (NHE); other reported Ef values are for samples processed under different conditions, where OA = oxidised and anhy-
drous, OH = oxidised and hydrated, RA = reduced and anhydrous, RH = reduced and hydrated, and SA = stoichiometric and anhydrous.131
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cannot be used to dope Ti, the Kröger–Vink formalism cannot
be used to introduce Ti•••i as a defect. However, the modified
formalism for defect equilibria for uncompensated stoichio-
metry allows Ti•••i to be introduced through eqn (26), (27), (30),
and (31). Mechanistically, the introduction of Ti•••i can be
achieved by: (1) Ce3+ substitution for majority lattice Ti4+,
short-distance migration of Ti4+ to an adjacent interstice, and
IVCT and (2) Ce3+ substitution for minority lattice Ti3+ and
short-distance migration of Ti3+ to an adjacent interstice.
These migrations are likely to be energetically favourable
because the distance between the central lattice site and adja-
cent interstice is considerably less than that between the
central lattice site and grain boundary sinks. In contrast, CeTi

x

(3+), like CeTi
x (4+) is a neutral defect and so is neither donor

nor acceptor, affecting the charge-carrier mobilities by acting
as a scattering centre.134,154 Although V••

O is a deep donor
defect, it is an intrinsic defect in TiO2−x should be considered.
It can be introduced through eqn (8) using the Kröger–Vink
formalism. However, V••

O cannot be introduced using the new
formalism because ionic charge compensation with which it is
associated is replaced by Ti4+ ↔ Ti3+ redox.

3.3 Mechanisms

The defect structures and solubility mechanisms must be inter-
preted by conceptual analogy with all of the experimental data in
terms of the nature of the TiO6 elongated octahedron,33,69 which
is illustrated in Fig. 2. The key structural features are the two
large, interstitial, fivefold coordinated voids of radius 0.0782 nm,
located adjacent to the central Ti ion.

While Hume-Rothery’s size rules for substantial, interstitial,
metallic, solid solubility91,136 indicates that the solute cation
should be substantially smaller than the solvent cation, the
presence of the two large interstices in this covalent-ionic
ceramic structure would be expected to be a possible solubility
mechanism. While the cations smaller than the interstices,
which are in fivefold coordination, are Ti3+ and Ti4+, these nor-
mally would not be considered solutes. However, as indicated
previously, it would be energetically more favourable for the
central Ti ions to move from their lattice sites to one of these
interstices rather than diffuse to the surface when forced by
cation–cation repulsion established upon interstitial solid
solubility. While both Ce3+ and Ce4+ appear to be too large for
interstitial solid solubility, sufficient c axis expansion would be
able to accommodate them.

Hume-Rothery’s size rule for substantial, substitutional,
metallic, solid solubility requires the solute cation radius to be
within 15% of that of the solvent cation.91,136

Although Table 1 suggests that neither Ce3+ nor Ce4+ would
be likely to substitute for Ti4+, Ti4+ → Ti3+ redox would be poss-
ible because the size accommodation allowed for this is clear
(8.7%). However, a more important consideration is that this
covalent-ionic structure of anatase includes two large adjacent
interstices, which effectively increase the available volume sub-
stantially, provided a–b plane and c axis alterations can accom-
modate the distortion. Since the subsequent GAXRD data
demonstrate clearly that substantial Ce solubility occurs, then
the disagreement with Hume-Rothery’s rules can be attributed
to that facts that the anatase lattice does not consist of a close-

Table 5 Summary of key defect equilibria

Defect present

Solid solubility mechanism Charge compensation mechanism

Ce•Ti Ce′Ti

Kröger–Vink New formalism Kröger–Vink New formalism

Eqn (11) Eqn (27) Eqn (8) Eqn (24) Substitutional Ionic
Eqn (15) Eqn (31) Eqn (12) Eqn (28) Substitutional Electronic

Fig. 2 Schematic of solubility mechanisms and resultant structural alteration of elongated TiO6 octahedron in anatase.
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packed metallic matrix, the volume of the combined central
TiO6 lattice site plus an adjacent interstice is very large, and
oxygen vacancies may provide additional very large voids for
interstitial solubility.

Another key point is that the anatase structure invariably is
visualised in terms of only Ti4+ on the lattice sites, despite the
known presence of minority Ti3+. This has ramifications for
the present work in terms of Hume Rothery’s valence rules for
both interstitial and substitutional solid solubilities,91,136

which indicate that solubility is favoured by similar valences.
In effect, both interstitial solid solubility of Ce3+ and substitu-
tional solid solubility to replace minority Ti3+ are feasible.

Correspondingly, interstitial solid solubility (Mechanisms
1–6) is shown in Fig. 2 in terms of dissolution Ce3+, where 3+
is the valence of the Ce salt used for doping. This assumption
is justified by the XPS data, which show that increased doping
causes this valence’s concentration to increase at a greater rate
than that of Ce4+. Also, the highly negatively charged environ-
ment of the fivefold interstice would favour retention of this
environment by the presence of cations of lower valence. This
assumption also is supported by the fact that, although
doping commonly is considered to result in the formation of
the thermodynamically most stable ion, regardless of the
valence of the doping salt, this has been shown to be
incorrect.137

It is also possible that if Ce4+ were present, it dissolved but
underwent Ce4+ → Ce3+ redox in the environment of the nega-
tively charged interstice. This effectively would serve as a driving
force for the IVCT mechanism given in eqn (2). When the rela-
tively large Ce3+ ion (or the Ce4+ ion) is sited in the fivefold inter-
stice (final stage of Mechanisms 1 & 2), repulsion with the Ti4+

ion causes the formation of a Frenkel defect, thereby transposing
the Ti4+ ion from its sixfold lattice site into the remaining fivefold
interstice, leaving behind a central vacancy (Mechanism 3), as
shown in Fig. 2. As discussed for the new formalism for defect
equilibria for uncompensated stoichiometry, this situation
corresponds to that of eqn (32), which can be modified to accom-
modate the Frenkel defect formation:

2Ce••• �!TiO2 2Ce•••i þ 2ðTi••••i þ V′′′′TIÞ þ 3Ox
O þ 3Ti′Ti ð44Þ

As shown in Fig. 2, IVCT then would generate the reaction
of eqn (45):

Ce•••i þTi••••i ! Ce••••i þTi•••i ð45Þ

Charge compensation for the introduction of the dopant in
eqn (44) is achieved through Ti4+ → Ti3+ redox on a lattice site
(Ti′Ti-l) and/or an interstitial site (Ti′Ti-i). However, these redox
reactions may be supplanted by IVCT. With the cations Ce3+

and Ti4+ in interstitial solid solution, these ionic shifts would
be likely to result in a–b plane contraction (from the central
vacancy) and c axis contraction (from the central vacancy and
increased attraction between the interstitial ions and their five-
fold-coordinating oxygen ions). Alternatively, c axis expansion
could result from simple size considerations (ignoring the
vacancy) resulting from the presence of the interstitial ions.

The c axis distortion would be asymmetric, thus effectively
destabilising the structure. If IVCT occurs at this point, then
this would reduce the asymmetry owing to size effects, where
the Ce4+ and Ti3+ radii sizes of which would be closer to each
other.

However, the XPS data in Tables III and IV (see ESI†) show
that there are finite concentrations of Ti3+, in which case Ce3+

substitutional solubility probably would be favoured owing to
valence considerations. Here, the replacement of the Ti3+ by
Ce3+ and resultant repulsion would transpose the former into
the interstitial site. As discussed for the new formalism for
defect equilibria for uncompensated stoichiometry, this situ-
ation corresponds to that of eqn (26).

However, it is likely that cation repulsion would shift the
large Ce3+ off the lattice site, toward the remaining interstice,
resulting in the partial occupancy of both lattice site and inter-
stice by the Ce3+, which has been referred to as integrated solid
solubility.89 With the cations Ce3+ and Ti3+, the combination of
matched valence and the positional compromise from inte-
grated solid solubility would result in both a–b plane (where
a = b) contraction (again from the central vacancy) and c axis
contraction (again from the central vacancy and increased
attraction between the interstitial ions and coordinating
oxygen ions). However, again, c axis ions. Again, the c axis dis-
tortion would be asymmetric, thus effectively destabilising the
structure, but the asymmetry expansion could result from the
filling of the interstices by the would be reduced owing to the
matched valences of the Ce3+ and Ti3+ interstitial ions.

The solubility of Ce in the anatase lattice is confirmed by
the lattice parameters, the unit cell volumes, and c/a axial
ratios, which are shown in Fig. 3. It also is confirmed by EDS,
as shown in Fig. V (see ESI†). Examination the differential
trends suggests that there are six, principal, staged, structural
mechanisms that affect the crystal structure:

Mechanism 1 (0.00–0.01 mol% Ce). Upon initial doping, the
conversion from a stable TiO6 elongated octahedron to one
subject to the dissolution of a large Ce3+ can be viewed in
terms of an unstable situation involving the competiting
effects of initial dissolution, lattice strain, and relative destabi-
lisation from structural distortion versus stabilisation from
recrystallisation. Fig. 3 shows that initial doping causes the a–
b plane to expand and the c axis to contract. The reduction in
the c/a axial ratio suggests lattice contraction138,139 and this is
supported by the Raman data in Fig. II (see ESI†), which show
residual tensile stress from the shift to lower wavenumbers.140

Consequently, any residual strain is likely to be small. The
structural model in Fig. 2 shows that the solubility mecha-
nism, which is interpreted in terms of interstitial solid solubi-
lity, should result in the converse effects of a–b plane contrac-
tion and c axis expansion. Although the contradiction may
arise from differential surface and bulk effects, this is con-
sidered to be unlikely since the sol–gel method used can be
considered to generate a homogeneous precursor.89 It is noted
that the greater effect is in the c axis contraction (and the a
axis scale is amplified), which is consistent with facilitated
recrystallisation (i.e., reduced volume) of the precursor owing
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to the nucleating effect of the Ce solutes.141 In contrast, the
simultaneous reduced extent of covalently bonded a–b plane
expansion compared to c axis contraction is likely to be a
response to the reduced repulsion caused by larger c axis
contraction.

Mechanism 2 (0.01–0.05 mol% Ce). Fig. 3 shows that the low
Ce-doping concentrations enhance more general recrystallisa-
tion (i.e., reduced volume), which is reflected in contractions
in both the c axis and a–b plane. Again, the c/a axial ratio
reduction suggests lattice contraction138,139 and this is sup-
ported by the Raman data in Fig. II (see ESI†), which show
residual tension. In contrast, the model of Fig. 2 suggests a–b
plane contraction and c axis expansion. This mechanism
involves completion of the recrystallisation initiated during
Mechanism 1 by Ce3+ institutional solid solubility. In agree-
ment, Fig. I (GAXRD) and II (Raman) (see ESI†) confirm that
all low doping concentrations are associated with increases in
crystallinity. These data reflect the competing effects of recrys-
tallisation versus lattice strain caused by the onset of dis-
solution as well as the structural distortion from the charge-
compensating Ti4+ → Ti3+ redox according to eqn (32)–(37) and
the associated ∼9% expansion on nearby Ti lattice sites
according to the crystal radii in Table 1. The consistent trends
in the a–b plane and c axis shown in Fig. 3 support the con-
clusion that, as shown in Fig. 2, the solubility mechanism is
interstitial solid solubility deriving from Ce3+ dissolution,
thereby forming the deep midgap state Ce•••i , as shown in
Fig. 1. This stage terminates with the completion of recrystalli-

sation, which has been facilitated by the presence of the nucle-
ating defects in the form of the Ce solutes.

Mechanism 3 (0.05–0.09 mol% Ce). Fig. 3 reveals that the
trend in a–b plane contraction is maintained but the trend in
the c axis is reversed, commencing a consistent increase with
further doping. In this case, the increase in the c/a axial ratio
suggests lattice expansion138,139 and this is supported by the
residual tension revealed in the Raman data in Fig. II (see
ESI†). This reversal signals the completion of recrystallisation
and the onset of consistent c axis expansion as a reflection of
the dissolution of the dopants along this direction. This trend
suggests that the size effects of the interstitial ions (which
would be expected to cause c axis expansion) overcome the
attractions to the fivefold-coordinating oxygen ions (which
would be expected to cause c axis contraction). The continu-
ance of a–b plane contraction indicates that this also is the
response to interstitial solid solubility. That is, the repulsion
along the c axis from the introduction of the Ce3+ ion in an
interstice forces the central Ti4+ ion to shift to the empty inter-
stice, which represents a Ti4+ Frenkel pair (although this trans-
position also may be thermally activated142). This scenario is
in agreement with the model of Fig. 2. Subsequent balancing
of repulsive and attractive forces by integrated solid solubility89

probably shifts both ions to intermediate locations between
the interstices and central vacancy. The XPS data, which are
discussed subsequently, show that the Ti concentration for
Mechanisms 1–4 decreases, indicating that only part of the
Ti4+ is involved in Frenkel pair formation; the balance must be

Fig. 3 Graphical Rietveld analytical data for undoped and Ce-doped TiO2 thin films with low (0.01–0.09 mol%) and high (0.10–0.90 mol%) Ce-
doping concentrations, annealed at 450 °C for 2 h.
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interpreted conventionally as diffusing out of the lattice. This
will not change the defect mechanisms but it will the defect
concentrations. Since this involves Mechanism 4, it indicates
that the defect mechanisms overlap.

Mechanism 4 (0.09–0.10 mol% Ce). Fig. 3 shows clearly that
this structural mechanism corresponds to the introduction of
another phenomenon that results in maintenance in the rate
of c axis expansion, an abrupt a–b plane expansion, and sig-
nificant decrease in c/a axial ratio (owing to differential extents
of change). These are consistent with the initial stage of the
model shown in Fig. 2, in which a large Ce3+ is introduced to
the central Ti site (which is a vacancy at this point) by what
can be considered to be substitutional solid solubility on the
central lattice site, thereby forming the shallow midgap state
Ce′Ti, as shown in Fig. 1. This situation results in the relatively
unstable and hence simultaneous presence of what can be
considered Ce3+ substitutional, Ce3+ interstitial, and Ti4+ inter-
stitial ions, all within the TiO6 elongated octahedron along the
c axis. Consequently, maintenance of the TiO6 octahedron
would impose a significant compressive stress along the c axis,
hence the large c axis expansion; the large Ce3+ substitutional
ion would cause transverse a–b plane expansion. The Raman
data in Fig. II (see ESI†) show that this condition equates to nil
net stress. In the final stage of the model, shown in Fig. 2, the
proximity of the electron orbitals of these cations facilitates
IVCT33,68,91 according to eqn (2) (Ti4+ + Ce3+ → Ti3+ + Ce4+), as
shown by the XPS results of Fig. XI (see ESI†). This IVCT
reduces constraint on the TiO6 tetrahedron and hence
increases structural stability through increased interionic
proximity (Table 1: [Ti4+ + Ce3+ = 0.065 nm + 0.100 nm =
0.165 nm] → [Ti3+ + Ce4+ = 0.070 nm + 0.088 nm = 0.158 nm]).
IVCT (at 0.09 mol% Ce) thus is responsible for the formation
of more defects, as shown in Fig. 1, consisting of the midgap
state Ti•••i , which is at the borderline between shallow and
deep, and the shallow neutral midgap state CeTi

x (4+), which also
is a scattering centre for charge carriers. The model of Fig. 2, the
decreased c/a axial ratio of Fig. 3, and the electronegativity data
for the ions in Table 2 all indicate that IVCT should result in
overall lattice contraction and hence residual tensile stress.
However, Fig. II (see ESI†) reveals a distinct residual compressive
stress. Also, this cannot be attributed to differential thermal
expansion, where anatase has a significantly higher expansion at
450 °C (ref. 143) than does silica glass,144 since the stress state at
the doping level immediately preceding (0.09 mol% Ce) was nil,
thereby negating this influence. This contradiction is indicative
of the mechanism overlaps that shade the transitions between
mechanisms. Consequently, it is concluded that the consistent
residual compressive stresses for Mechanisms 4–6, indicated
clearly in Fig. II (see ESI†) are consistent with the increasing c/a
axial ratio that commences at the final stage of Mechanism 4.
Further, the mechanism overlap extends to the retention of the
critical Ce′Ti defect during both the initial and final stages of
Mechanism 4.

Mechanism 5 (0.10–0.60 mol% Ce). As there are few options
for further dissolution of Ce, the structural symmetry and
stability of the TiO6 elongated octahedron is enhanced by sub-

stitution by Ce3+ on the interstitial site occupied by Ti3+,
thereby forcing the latter out of the octahedron to the grain
boundaries and removing the borderline midgap state Ti•••i .
Although the c axis continues to expand, the a–b plane
abruptly contracts but the c/a axial ratio remains effectively
constant (thus reflecting a balance between the two distor-
tions). Again, these are consistent with the model shown in
Fig. 2. Critically, the effective loss of the TiO6 octahedron (in
favour of a Ce3O6 octahedron) as well as the size and valence
imbalances and constraints due to this Ce overdoping initiate
the onset of large-scale lattice destabilisation. The substitution
of Ti3+ by Ce3+ in the interstice, which forms the borderline
defect CExTi (3+), which effectively is substitutional solid solu-
bility in the interstice, establishes a ∼43% expansion accord-
ing to the crystal radii in Table 1. This contributes significantly
to the lattice destabilisation according to eqn (32)–(37).

Mechanism 6 (0.60–0.90 mol% Ce). The GAXRD and Raman
data shown in Fig. I and II, respectively (see ESI†), demonstrate
that the crystallinity is maximised at 0.09 and 0.10 mol% Ce,
decreasing at higher levels. At ≥0.60 mol% Ce, the existing
solutes consist of Ce4+ on the Ti lattice site and two Ce3+ in the
interstitial sites, which progressively converts stable TiO2 to
the unstable form Ce3O2. The overdoping and extent of solubi-
lity reach such an extent that the lattice destabilisation pro-
ceeds to structural degradation, thereby initiating structural
collapse, which would facilitate significant changes in the con-
centrations and valences of all species.

3.4 XPS data

Fig. 4 and 5 show the XPS data for Ti and Ce. The data for Ti
in Fig. 4 suggest that the dominant solid solubility mechanism
throughout the full dopant range (0.01–0.90 mol% Ce) is inter-
stitial Ce3+, which causes a 27.9% site expansion (see Table 1).
However, at 0.09 mol% Ce, the abrupt increase in lattice
volume reflects the 54.4% site expansion from what is effec-
tively substitutional solid solubility of Ce3+ to replace Ti4+ in
the lattice site. The simultaneous presence of both interstitial

Fig. 4 Relative XPS data for undoped and Ce-doped TiO2 thin films
with low (0.01–0.09 mol%) and high (0.10–0.90 mol%) Ce-doping con-
centrations, annealed at 450 °C for 2 h.
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and substitutional solid solubility has been observed
before.145–148 This high-stress condition is mitigated by IVCT,
as shown by the approximate converse (or mirror-image)
trends of minority [Ti3+] and majority [Ti4+] in Fig. 5 as well as
the converse trends for the data for the Ce4+/Ce3+ ratio (not
detectable below concentration <0.09 mol% Ce) and Ti3+/Ti4+

ratio (until the highest Ce level, at which point the structure
has degraded significantly) in Fig. 4.

Since IVCT, which occurs in the final stage of Mechanism
4, should result in mirror-image XPS data for Ti3+ and Ce4+

according to eqn (2), its effect can be seen for Mechanisms 5
and 6. The IVCT between Ti and Ce ions also is supported by
the XPS data in Fig. VI–VIII and Tables III and IV (see ESI†),
which are illustrated graphically in Fig. 5.

In Fig. 5, the gradual decreases in [Ti3+] and [Ti4+] are con-
sistent with diffusion of Ti from the lattice. If this mechanism
were conventional substitutional solid solubility, with Ce3+

replacing Ti4+ on the lattice site, then the Ce′Ti defect would
form. Since the significant effects of this defect at the doping
level of 0.09–0.10 mol% Ce were not observed, then this
mechanism is unlikely. Consequently, it is probable that the
interstitial solid solubility of Ce3+ results in displacement of
the central Ti4+ not only by Frenkel pair formation but also
partly by removal from the TiO6 octahedron and diffusion to
the grain boundaries. Mechanism 5 also reveals gradual
decreases in [Ti3+] and [Ti4+], which are consistent with the
same process proposed previously. The slight increase in [Ti3+]
and [Ti4+] in Mechanism 6 is suggestive of redissolution of
grain boundary Ti upon structural destabilisation.

Fig. 6 shows that the crystallite size and the mean grain
sizes from GAXRD, TEM, and AFM correlate well except for the
AFM data, which generally consist of larger values and show a
different trend for 0.01 to 0.05 mol% Ce doping concentration,
as indicated in Fig. III and IV and Table II (see ESI†). These
discrepancies probably resulted from the different nano-
structures and measurement methods, where the AFM data
recorded grain sizes across nonimpinging grains, thus inflat-

ing the values, while the GAXRD and TEM data were effectively
from direct measurements.

Fig. I (see ESI†) shows that the XRD peaks are relatively
broad and of low intensity except for the (101) peak. Although
the calculated crystallite sizes for the (hkl) average and (101)
plane exhibit the same trends, deviation is clear in the high-Ce
range, where lattice destabilisation and structural degradation,
i.e., amorphisation, occur. These data suggest that the crystal-
lite sizes based on the (101) plane are more representative of
the actual trend. Since TEM allows a direct visual assessment
of grain size but AFM is an instrumental technique, the
former is considered more reliable. Since the grain size is
nearly identical to that of the crystallite size, it is clear that the
grains are single crystal.

The changes in grain and crystallite sizes reinforce the
different structural mechanisms identified in Fig. 3. However,
it is noted that the data for Mechanism 4 in Fig. 6 reveal
shrinkage while the equivalent data in Fig. 3 reveal lattice
volume expansion. This is interpreted in terms of the effect of
simultaneous occupancy of the central Ti4+ site by Ce3+ and of
the interstices by Ce3+ and Ti4+. Although IVCT would cause a
subsequent contraction, net volume expansion would remain
the case relative to Mechanism 3 owing to the integrated solid
solubility enabled by the Ti vacancy. The presence of three
cations in the TiO6 elongated octahedron would cause signifi-
cant lattice expansion and associated lattice destabilisation,
which are reflected in the decreased intensities and broaden-
ing of the GAXRD peaks and Raman peaks in Fig. I and II,
respectively (see ESI†). Consequently, this apparent contradic-
tion in lattice expansion–contraction is an artefact of the onset
of lattice destabilisation.149

3.5 Energy band analysis

Fig. 7 shows the calculated band diagram for undoped and Ce-
doped anatase using are range of data (see ESI†): optical indir-
ect band gaps from UV-Vis spectrophotometry (Fig. IX and X

Fig. 5 XPS compensated data for undoped and Ce-doped TiO2 thin
films with low (0.01–0.09 mol%) and high (0.10–0.90 mol%) Ce-doping
concentrations, annealed at 450 °C for 2 h.

Fig. 6 Comparison between crystallite sizes from average crystallite
size from all peaks (hkl) and main GAXRD peak (101) with mean grain
sizes from TEM and AFM for undoped and Ce-doped TiO2 thin films
with low (0.01–0.09 mol%) and high (0.10–0.90 mol%) Ce-doping con-
centrations, annealed at 450 °C for 2 h.
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and Table V†), VB spectra from XPS (Fig. XI†), and the Fermi
levels from AM-KPFM (Fig. XII†). The midgap defect energy
levels correspond to the defects indicated in Mechanisms 1–6
and shown in Fig. 2 and 3.

During Mechanisms 1–3, the increasing crystallinity and
the dopant solubility increase the number of electrons (ne),
which has the effect of shifting the Ef from the VB toward the
CB.150 When the large Ce3+ ion substitutes for the small Ti4+

ion on the central lattice site (thus filling the V′′′′Ti and creating
the defect Ce′Ti), lattice destabilisation effectively commences,
which lowers the Ef. Fig. 3 shows that, during the recrystallisa-
tion of Mechanism 2, both the a and c axes contract while,
during the substitution of the small Ti3+ by the large Ce3+ in
the interstice of Mechanism 5, the a axis contracts and the c
axis expands, which suggests that this substitution initiates
lattice destabilisation and hence the continued decrease in the
Ef. Finally, the structural degradation of Mechanism 6 causes
significant decreases in the Ef.

In amorphous (viz., structurally degraded) materials, the Ef
is located in what is known as the mobility gap, which is not a
true band gap as in crystalline semiconductors.150 The unsatu-
rated bonds associated with the amorphised state represent
defects that lie at the centre of the CB–VB gap and these can
pin the Fermi level to the centre of the gap. This explains why
Mechanism 6 is characterised by a decrease in the Ef toward
the centre of the gap which is greater than the decreases of
both the CB and VB.

The overall trend in the VB follows that of the Ef (except for
Mechanism 1) because both depend on the ne, where the VB

becomes more heavily populated as the Eg increases and hence
the ne decreases.

151

In contrast, the ability of the electrons to bridge the Eg
depends on the defects of midgap energy levels of suitable
band positions, hence the variability of the CB locations.

Concerning the VB, at the low doping concentrations of
Mechanisms 1–3, the decrease in Eg parallels the rise of the
VB. The reason for this consistent trend results from the prin-
cipal mechanism of interstitial solid solubility to increase the
ne. Eqn (44) shows that Frenkel pair formation in Mechanism
3, as shown in Fig. 2, requires the formation of the acceptor
defect V′′′′Ti, which, in principle, would raise the VB. When the
mechanism of substitutional solid solubility on the Ti lattice
site in the initial stage of Mechanism 4 introduces the shallow
acceptor defect midgap state Ce′Ti, the Eg is essentially at its
minimal level, as shown in Fig. 8. However, Fig. 2 indicates
that this defect is altered by IVCT in the final stage of
Mechanism 4 to the neutral midgap state CeTi

x. While this
neutral defect is at a shallower level, as shown in Fig. 7, it
would not contribute to alteration of the Eg because it acts as a
scattering centre for charge carriers,134,154 as confirmed in
Fig. 8. These considerations, which are limited to defect equili-
bria, suggest that the dominant defects are:

Mechanisms 1 and 2: Recrystallisation lowers the Eg.
Mechanism 3: The very deep midgap state V′′′′Ti lowers the Eg.
Mechanism 4: The shallow midgap state Ce′Ti minimises the

Eg (initial stage) but its effect is neutralised by IVCT (final stage).
Mechanisms 5 and 6: Lattice destabilisation and structural

degradation raise the Eg.

Fig. 7 Schematic energy band diagram: Midgap defect states indicated in Fig. 2 corresponding to the different mechanisms (bottom), positions of
valence band (VB), conduction band (CB), and Fermi level (Ef ) of undoped anatase TiO2 and Ce-doped TiO2 annealed at 450 °C for 2 h (see Fig. 1 for
origins of data).

Nanoscale Paper

This journal is © The Royal Society of Chemistry 2020 Nanoscale, 2020, 12, 4916–4934 | 4927

Pu
bl

is
he

d 
on

 1
4 

Ja
nu

ar
y 

20
20

. D
ow

nl
oa

de
d 

by
 U

N
SW

 L
ib

ra
ry

 o
n 

2/
27

/2
02

0 
9:

26
:2

3 
PM

. 
View Article Online

https://doi.org/10.1039/c9nr08604h


Concerning the CB, these data also show that, at the high
doping concentrations of Mechanisms 5 and 6, there is
increasing separation between the Ef and CB. Although the
moderately deep defect Ce•••i would be capable of lowering the
CB, the trend of increasing separation between the Ef and CB
is consistent with the lattice destabilisation and structural
degradation associated with the conversion of TiO2 to what
effectively is Ce3O2. Consequently, this extent of doping effec-
tively represents donor overdoping, which involves occupation
of higher CB states by dopant electrons. Overdoping causes
the states within the conduction band to become filled, so the
excited electrons must enter higher energy levels to enter the
CB. This is known as the Moss-Burstein effect and it results in
a blue shift in the optical absorption and consequent increase
in the Eg.

152–156 It is unlikely that overdoping caused semi-
conductor degeneracy because the maximal doping level is not
consistent with defect densities orders of magnitude greater
than those of the lower doping levels.157

The overall trend in the Eg revealed by Fig. 8 is a reflection
of the significant role played by changing crystallinity during
doping, where recrystallisation at low doping concentrations
enhance crystallinity and lower the Eg but lattice destabilisa-
tion and structural degradation cause amorphisation and raise
the Eg. These effects have been observed many times
before.33,91,158 These converse trends are reinforced by the
effects of the residual lattice stress shown in the Raman data
of Fig. II (see ESI†). At low and high doping concentrations,
the peak shifts to lower and higher wave numbers, respectively,
indicate residual tension and compression, respectively,159

which generally are considered to lower and raise the Eg,
respectively.139 At the point at which the crystallinity is maxi-
mised and the residual stress is neutralised, the Eg is maxi-
mised by a significant amount relative to the two adjacent
doping concentrations. This is attributed to the critical role of
the shallow donor defect Ce′Ti as this is the only defect that is
not a deep, acceptor, and/or scattering defect. Further, its
energy level is slightly below the Ef, which is advantageous

because, although ideally above the Ef for an n-type defect, its
proximity still allows the ne to equate to a relatively high con-
centration of electrons. However, the beneficial effect of the
Ce′Ti defect in the initial stage of Mechanism 4 is negated by
the elimination of this effect by IVCT in the final stage.

The effect of residual stress on the Eg has generated contra-
dictory calculations in the literature. Yin et al.139 considered
uniaxial and hydrostatic tension and compression, concluding
that compression increases the Eg. In contrast, Sun et al.138

determined that uniaxial (c axis) compression causes a slight
decrease in the Eg and biaxial (a–b plane) tension causes a sig-
nificant decrease in the Eg. Interpretation of the data in Fig. 8
in terms of the mechanisms shown in Fig. 3 are complicated
by the concurrent effects of partial amorphisation from initial
doping (Mechanism 1), incomplete recrystallisation
(Mechanism 2), and partial amorphisation from overdoping
(Mechanisms 5 and 6), so only Mechanisms 3 and 4 are likely
to reflect the unambiguous effects of strain on the Eg. In
Mechanism 3, a–b plane contraction (biaxial compressive
stress) and c axis expansion (uniaxial tensile stress) are
accompanied by a significant decrease in the Eg. Thus, the
present data are consistent with the model of Sun et al.138 and
so a–b plane strain effects would dominate the Eg. The defect
equilibria include simultaneous Ce•••i and Ti••••i þ V′′′′Ti Frenkel
pair. Since Fig. 2 shows that the former is associated with c
axis expansion but the latter is associated with c axis contrac-
tion, then the dominant effect on strain derives from the Ce•••i .
Fig. 1 shows that Ce•••i , Ti••••i , and V′′′′Ti are deep energy level
defects, so they would be unlikely to affect the Eg. This discus-
sion suggests that the Eg during Mechanism 3 is dominated by
the strain and not the defect equilibria.

In Mechanism 4, the a–b plane expansion (biaxial tensile
stress) and c axis expansion (uniaxial tensile stress) shown in
Fig. 3 are accompanied by a small decrease in the Eg shown in
Fig. 8. In this case, the former would decrease the Eg while the
latter would increase it, suggesting that these opposing influ-
ences counter one another but that, in agreement with Sun
et al.,138 the a–b plane effect dominates that of the c axis. The
defect considerations include Ce′Ti (initial stage) and IVCT
(final stage). Since Fig. 2 shows that the former is associated
with a–b plane and c axis expansions but the latter is associ-
ated with a–b plane and c axis contractions, then the dominant
effect on strain would derive from centrally located Ce′Ti. The
previous discussion of Mechanism 4 suggested that the onset
and overlap of Mechanism 5 was responsible for the residual
lattice compression in the final stage of Mechanism 4, hence
the increased wavenumbers for Mechanisms 4–6 in Fig. II (see
ESI†). Since residual compression should raise Eg

159 but it is
at a minimum, then this discussion suggests that the Eg
during Mechanism 4 is dominated by the defect equilibria and
not the strain.

The energy band diagram of Fig. 7 also includes a number
of redox reactions that are important for water splitting from
superoxide formation (eqn (46) and (47), bold in Fig. 7),160,161

hydrogen production (eqn (48)),162 and air purification by
photocatalytic conversion of carbon dioxide into methane (eqn

Fig. 8 Correlations between optical indirect band gap and valence
band (VB) and conduction band (CB) positions for undoped and Ce-
doped TiO2 thin films with low (0.01–0.09 mol%) and high
(0.10–0.90 mol%) Ce-doping concentrations, annealed at 450 °C for
2 h.
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(49))163 as the position of the conduction band minimum
(CBM) of anatase is above essentially all of the relevant redox
potentials versus NHE at pH = 0.

O2 þ e� ! •O2
� E° ¼ �0:18 V ð46Þ

O2 þHþ þ e� ! •HO2 E° ¼ �0:04 V ð47Þ

2Hþ þ 2e� ! H2 E° ¼ 0:00 V ð48Þ
CO2 þ 2H2O ! CH4 þ 2O2 E° ¼ �0:18 V ð49Þ

3.6 Photocatalytic performance

Finally, Fig. 9 summarises the typical logarithmic159 photo-
catalytic performance data, as shown in Fig. XIII (see ESI†).
The former data correlate closely but inversely with the Eg data
of Fig. 8, demonstrating that the photocatalytic performance
of Ce-doped TiO2 is dominated by the Eg. The shift in optimal
performance from the initial stage to the final stage of
Mechanism 4 (or to Mechanism 5 for 24 h) again is attributed
to mechanism overlap. As discussed previously, the Eg in turn
is dominated by crystallinity, residual stress, and the effect of
the single shallow donor defect Ce′Ti, which was present at the
initial and final stages of Mechanism 4 at the doping concen-
tration range of 0.09–0.10 mol% Ce. This doping concentration
yielded the minimal Eg, highest VB, and second-highest Ef. A
critical observation is the proximity of the energy level Ce′Ti to
the Ef, which effectively facilitates a source of electrons.

Fig. 10 contrasts the key data from the present work, reveal-
ing the following comparative characteristics:

Raman peak intensity. The correlation of the Raman peak
intensity demonstrates that the structural regularity deriving
from recrystallisation and lattice stabilisation contribute to the
performance. These data also demonstrate that the partial
amorphisation resulting from lattice destabilisation and struc-

tural destabilisation contribute to the degradation of the
performance.

Ti3+/Ti4+ peak ratio. The maximum of [Ti3+] at the initial
stage of Mechanism 4 suggests that this is a reflection of
mechanism overlap and so the early onset of IVCT according
to eqn (2). However, Ti3+ does not appear to contribute to the
optimal photocatalytic performance since it is an acceptor
defect and its defect energy level located it nearly as a deep
defect. As it is a product of IVCT, it does not play a role in the
formation of V••

O in the present analysis.
Optical indirect band gap. The inverse correlation of the Eg

demonstrates that the decrease in the Eg resulting from the
convergence of the CB and VB, increasing crystallinity, increas-
ing residual tensile stress, and the effect of the single shallow
donor defect Ce′Ti contribute to the optimal performance at a
doping concentration range of 0.09–0.10 mol% Ce.

TEM mean grain size. The inverse correlation of the grain
size indicates that the maximal grain sizes of doped materials
corresponded to the maximal performance, which is counter
to the general expectation for the converse relation between
grain size and surface area. Since Table II (see ESI†) does not
reveal a correlation between roughness and photocatalytic per-
formance, then this parameter does not appear to affect the

Fig. 9 Photodegradation of MB photocatalysed under UV light by
undoped and Ce-doped TiO2 thin films with low (0.01–0.09 mol%) and
high (0.10–0.90 mol%) Ce-doping concentrations, annealed at 450 °C
for 2 h.

Fig. 10 Photodegradation performance of MB photocatalysed under
UV light for 12 h or 24 h correlated with key data for low
(0.01–0.09 mol%) and high (0.10–0.90 mol%) Ce-doping concen-
trations, annealed at 450 °C for 2 h.
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density of surface active sites. Further, the AFM and TEM data
in Fig. II and III, respectively (see ESI†), indicate topographi-
cally similar surfaces. Consequently, these features do not
appear to play a significant role in the performance.

Lattice volume. The similarly inverse correlation of the
lattice volume supports the immediately preceding comments.

4. Conclusions

The present work reveals that band gap engineering through a
carefully controlled regime of doping levels can be effective in
the optimisation of the photocatalytic performance. However,
the multiple defect mechanisms uncovered are considerably
more nuanced than the general perception of the association
of a single dopant with a single defect mechanism. Similarly,
the present work reveals that the assumption of a single
mechanism of solid solubility may be a simplification of con-
siderably more complex processes. The acquisition of (1) a
matrix of complementary characterisation and analytical data,
(2) the calculation of a complete energy band diagram, includ-
ing Fermi levels (3) consideration of uncompensated stoichio-
metry and charge compensation mechanisms beyond the
limitations of Kröger–Vink approaches, (4) the development of
a modified formalism for defect equilibria, and (5) the devel-
opment of models of corresponding structural analogies estab-
lishes a new strategy for the interpretation and explanation of
performance data. These strategies may allow one to decon-
struct these complex issues and target optimal and possibly
unique doping levels, thus potentially revealing experimental
mechanisms for achieving lattice configurations that may be
energetically and structurally unfavourable. These approaches
then can be applied to other doped semiconducting systems.

In order to facilitate these strategies, a new formalism for
defect equilibria, which is contrasted with the conventional
Kröger–Vink notation, has been developed. This is based
largely on the observation that most doping studies have been
done based on the assumption that the stoichiometries during
substitutional and interstitial solid solution as well as Schottky
and Frenkel pair formation are compensated by diffusion of
matrix ions to the grain boundaries or surface. In contrast, the
new formalism is based on the assumption that stoichiometry
is uncompensated. In this case, the central Ti in TiO2 is trans-
posed to an adjacent large interstitial site on the c axis and
charge compensation is effected by Ti4+ → Ti3+ reduction of
the central Ti.

These new approaches include the development of compre-
hensive defect energy level diagrams, generated by DFT simu-
lations, which include all defects associated with majority Ti4+,
minority Ti3+, Ce4+ dopant, and Ce3+ dopant. Many of the
defect energy levels that have been calculated for Ce doping of
TiO2 appear to be the first to be reported. The generated dia-
grams include Fermi levels for both theoretical (at 0 K) and
experimental (at 300 K) conditions.

The experimental data, all of which are mutually correlative,
demonstrate that there are six progressive structural mecha-

nisms, which are illustrated by schematic models of the rele-
vant processes. The initial solubility mechanism is interstitial
involves dissolution of Ce3+ and subsequent formation of a
Frenkel pair by transposition of the Ti4+ to the interstitial site
and formation of a central Ti vacancy. The minimisation of
size and valence imbalances probably occurs by integrated
solid solubility. Crystallinity and lattice stress dominate the Eg
during these mechanisms. At 0.09–0.10 mol% Ce, a substitu-
tional solid solubility mechanism is activated, which signifi-
cantly alters essentially all of the properties. This initial stage
of this process involves occupation of the Ti lattice site by Ce3+

and the consequent introduction of the critical shallow donor
defect Ce′Ti. In the final stage of this process, IVCT (Ti4+ + Ce3+

→ Ti3+ + Ce4+) occurs, eliminating Ce′Ti and replacing it with
the shallow neutral defect CeTi

x. The defect equilibria dominate
the Eg during this mechanism. At higher doping concen-
trations, a second substitutional solid solubility mechanism is
activated, which involves Ce3+ substitution for Ti3+ in the inter-
stice. This situation effectively leads to overdoping and deterio-
ration of the structural integrity.

At the lowest doping concentration, the photocatalytic per-
formance decreases significantly owing to the lattice destabili-
sation from the strain arising from initial doping (Mechanism
1). At the following low doping concentrations, the photo-
catalytic performance improves from a decrease in Eg due to
increasing recrystallisation, residual tensile stress, interstitial
solid solubility to raise the VB by increasing the ne.
(Mechanisms 2 and 3). At the middle doping concentrations of
0.09–0.10 mol%, the photocatalytic performance increases sig-
nificantly owing to substitutional solid solubility on the lattice
site. This creates the shallow donor defect Ce′Ti (initial stage,
Mechanism 4), which is located closely below the Ef and so
enhances charge transfer. Its beneficial effect is diminished by
its conversion to the shallow neutral defect CeTi

x by IVCT,
which acts as a scattering centre and so impedes charge trans-
fer (final stage, Mechanism 4). At higher doping concen-
trations, the photocatalytic performance decreases owing
partly to residual compressive stress. However, this is exacer-
bated by substitutional solid solubility in the interstice, the
onset of amorphisation (Mechanism 5), and then structural
collapse (Mechanism 6).
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